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Abstract

In support of the design of high strength TiNi-based shape-memory alloys, the precipitation of L21–Ni2TiAl phase
from a supersaturated B2–TiNi matrix at 600 and 800 °C is studied using transmission and analytical electron
microscopy (TEM/AEM), and 3D atom-probe microscopy (3DAP) in Ni–Ti–Al and Ni–Ti–Al–X (X = Hf, Pd, Pt,
Zr) alloys. A B2/L21 fully coherent two-phase microstructure is confirmed to be analogous to the classical γ /γ! system
in terms of precipitate shape, spatial distribution and a minimum distance of separation between L21 precipitates as
dictated by the interplay between strain and interfacial energies. The effects are also confirmed to disappear with loss
of coherency. These results lend further support, at least qualitatively, to the theoretical predictions of microstructural
dynamics of coherent aggregates. Selected cohesive properties of stable and virtual B2 compounds are calculated by
an ab initio method, showing good agreement with measured site occupancy and lattice parameters. A simple analysis
of the L21 precipitate size evolution suggests that in the case of alloys with Al, Zr or Hf substitution for Ti, the
precipitates follow coarsening kinetics at 600 °C and growth kinetics at 800 °C, while for alloys with Pd or Pt substi-
tution for Ni, precipitates follow one kinetic behavior at both temperatures. The temperature-dependent partitioning
behaviors of Hf, Pd, Pt and Zr are established by quantitative microanalysis using AEM and nanoscale analysis using
3DAP. Both Hf and Zr prefer to partition to the B2 phase at 800 °C while they exhibit reverse behavior at 600°C. Pt
also partitions to B2 at 800 °C, while Pd partitions to the L21 phase at both 600 and 800 °C. To describe the composition
dependence of the lattice parameter of multicomponent B2 and L21 phases, the atomic volumes of Al, Hf, Ni, Ti and
Zr in B2 and L21 phases are determined, providing a model for the control of interphase misfit in alloy design.
 2003 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

The shape-memory effect is caused by a thermo-
elastic martensitic transformation—a reversible
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transformation between two different crystalline
microstructures that occurs when a shape-memory
alloy (SMA) is heated or cooled. An SMA is
deformed in the martensite condition, and the
shape recovery occurs during heating when the
specimen undergoes a reverse transformation of
the martensite to the parent phase. Under con-
strained conditions, the output stress during rever-
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sion is limited by the flow strength of the parent
phase. For engineering applications, it is also
essential that the shape-memory behavior is repeat-
able and predictable after many cycles through
the transformation.
To improve both the output force and the cyclic

lifetime of TiNi-based SMAs, the strength of the
alloy must be improved. By raising the critical
shear stress for slip, the irreversible slip defor-
mation during the martensite reorientation and
stress-induced martensite transformation can be
suppressed, which in turn improves the shape
memory effect and transformation superelasticity
characteristics [1]. The introduction of nanoscale
second phase particles to serve as barriers to dislo-
cation motion would also improve the fatigue life.
Based on the structural analogy of fcc-based γ /γ!
Ni superalloys, the precipitation of equilibrium
Heusler phase (Ni2TiAl-type with L21 structure) in
B2–TiNi is considered for strengthening in the
present work. Koizumi et al. [2] previously demon-
strated that the precipitation of Heusler phase
increases the 0.2% compressive yield strength of a
stable 50.71Ni–40.86Ti–8.43Al (in at.%) alloy by
an order of magnitude up to 2300 MPa. Another
precipitation strengthening method involves the
formation of a metastable bct phase [3,4]. How-
ever, so far, this strategy has been realized only
during the annealing of sputter deposited TiNi
thin films.
According to the known lattice constants [5],

there is a lattice misfit between TiNi and Ni2TiAl,
as determined by the relation

d " !aNi2TiAl#2aTiNi2aTiNi " " #0.0257 (1)

where aNi2TiAl is the lattice parameter of Ni2TiAl
(a = 0.5865 nm) and aTiNi is the lattice parameter
of TiNi (a = 0.3010 nm). Lattice misfit arising
from different lattice parameters between two
coherent phases causes coherency strains with an
associated volume strain energy that can affect the
precipitate shape, the spatial distribution and the
coarsening behavior [6]. To promote fine scale
homogeneous precipitation, to retain coherency at
larger particle size and to reduce the interfacial
frictional work for martensite nucleation and vari-
ant growth, it is necessary to minimize the lattice

mismatch. To achieve the lowest possible misfit
between B2 and L21 phases, the possibility of
increasing the lattice parameter of the latter phase
by adding Hf, Pd, Pt, or Zr in the alloy is con-
sidered.
It is well known that dissolved Al in B2–TiNi

decreases the martensite start temperature drasti-
cally [7]. To offset this effect, elements which can
stabilize the martensite phase will have to be
added. In this regard, Hf, Zr, Pd, and Pt are candi-
date components as they are known as martensite
stabilizers and also effective in reducing the lattice
misfit between the B2 and L21 phase [8–11]. How-
ever, to control misfit and martensite stability in
such a two-phase system, it is necessary to know
the relative partitioning behavior that is established
during high temperature heat treatment [12].
In the present work, the B2–L21 phase relations

are quantified in Ni–Ti–Al and Ni–Ti–Al–X (X
= Hf, Pd, Pt, Zr) model alloys. The primary objec-
tives of this study are: (i) to investigate precipi-
tation kinetics and microstructure evolution of L21
precipitates in a B2 matrix during isothermal aging
at 600 and 800 °C, (ii) to quantify partitioning
behavior of Hf, Pd, Pt and Zr between B2 and L21
at 600 and 800 °C, and (iii) to develop and test the
composition dependence of the lattice parameters
of multicomponent B2 and L21 phases.

2. Experimental procedures

Ni–Ti–Al and Ni–Ti–Al–X (X = Hf, Pd, Pt,
Zr) alloys were prepared by arc-melting in an
argon atmosphere using pure elements (99.98–
99.994 wt.% Ni, 99.99 wt.% Ti, 99.999 wt.% Al,
99.9 wt.% Hf, 99.98 wt.% Pd, 99.95 wt.% Pt, and
99.999 wt.% Zr). The nominal chemical compo-
sitions of each of these alloys are shown in Table
1. Taking equiatomic TiNi as a reference, in alloys
A, A + 5Hf and A + 5Zr, the Ni-content was kept
at 50 at.%, while Ti was partially replaced by Al,
Hf or Zr. On the other hand, in alloys B + 5Pd,
B + 20Pd and B + 5Pt, Ni was partially substituted
by Pd and Pt.
Each as-cast specimen was sealed in an evacu-

ated quartz capsule and solution treated at 1100 °C
for 100 h. After quenching by crushing the cap-
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Table 1
Nominal chemical composition of alloys (at.%)

Alloys Ni Ti Al Hf Zr Pd Pt

A 50 45 5 – – – –
A + 5Hf 50 40 5 5 – – –
A + 5Zr 50 40 5 – 5 – –
B + 5Pd 45 44 6 – – 5 –
B + 20Pd 30 44 6 – – 20 –
B + 5Pt 45 44 6 – – – 5

sules in oil, different sets of A, A + 5Hf, and A
+ 5Zr specimens were annealed at 800 °C for 1000
h and at 600 °C for 1000 and 2000 h in evacuated
quartz capsules, and then quenched into oil.
Samples of B + 5Pd, B + 20Pd, and B + 5Pt speci-
mens were annealed at 800 or 600 °C for 100 h in
evacuated quartz capsules, and then quenched into
oil. Although binary TiNi alloys are typically aged
at 550 °C for 1 h to produce metastable Ni4Ti3
particles [13], in the present work, the specimens
are aged for a prolonged time to grow the Heusler
phase precipitates sufficiently large for the compo-
sition analysis. Thin foils for transmission electron
microscopy (TEM) observation were prepared by
standard twinjet electropolishing using a solution
of 20% perchloric acid in 80% methanol as electro-
lyte at #40 to #50 °C.
Conventional transmission electron microscopy

(CTEM) was performed in a Hitachi H8100 micro-
scope operated at 200 kV. The centered dark-field
TEM micrographs were scanned and the projected
area of the L21 precipitates was measured on a
Macintosh computer using the public domain NIH
Image program [14]. Based on these measure-
ments, the average equivalent spherical radius of
the precipitates was derived.
For most specimens aged at 800 °C, the analyti-

cal characterization was performed in a Hitachi
HF-2000 analytical electron microscope (AEM)
equipped with an ultrathin-window Link energy
dispersive X-ray (EDS) detector. The AEM was
also operated at 200 kV. The take-off angle for the
EDS detector was 68°. The X-ray collection time
was 100 s and the electron probe size was about
8 nm. Care was taken to ensure that the particle
being analyzed was not in a two-beam condition in

order to minimize electron-channeling effects [15].
Background correction was done using the
Desktop Spectrum Analyzer (DTSA 2.5.1)
software [16].
The compositions of B2 and L21 phases in equi-

librium at 800 °C were determined by analyzing
the EDS data using a standard calibration method.
The background-subtracted integrated intensities of
the X-ray spectra were converted to compositions
by the procedure described in Ref. [17]. X-ray
spectra were collected from foils with a thickness
of 100 nm or less. In this thickness range, Hf, Ni,
Pd, Pt, Ti and Zr satisfied the criterion of a thin foil
and the Cliff–Lorimer factor for Al was determined
using the extrapolation method [18] due to the
strong thickness dependence.
The compositions of B2 and L21 phases were

determined by analyzing about 30 EDS spectra for
each. The statistical accuracy of the composition
determination is primarily limited by the counting
statistics of the X-ray collection process [19]. The
confidence interval is estimated by the statistics of
the Student t-distribution. The relationship between
the atomic fraction and the weight fraction was
used to calculate the total relative error in the for-
mer from that in the latter using a standard math-
ematical procedure.
The Heusler precipitates formed at 600 °C are

in general much too small compared to the foil
thickness, and as a result, the EDS spectra would
invariably contain some contribution from the
matrix. Hence, the determination of exact compo-
sition of precipitates from EDS data would neces-
sarily involve correction for the matrix overlap. To
eliminate these uncertainties, a 3-dimensional
atom-probe (3DAP) field-ion microscope was
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employed to determine the composition of the
phases in specimens aged at 600 °C. The 3DAP is
equipped with a reflectron lens for energy compen-
sated time-of-flight mass spectrometry. Field-ion
microscopy tips were prepolished in a solution of
5–10 vol.% perchloric acid in butoxyethanol fol-
lowed by an electropolishing in 2 vol.% perchloric
acid in butoxyethanol. For field-ion imaging, 1 ×
10#5 Pa Ne was used, and the tips were cooled to
#213 °C. Atom-probe analyses were carried out
at #213 °C at a pulse voltage-to-d.c. voltage ratio
f = 0.20. The statistical error of 3DAP data is
caused by the uncertainty due to counting statistics.
The peaks were deconvoluted in reference to the
natural isotope abundances to obtain correct com-
positions.
X-ray diffraction was performed using a Scintag

machine with a copper target, excited to 40 kV and
20 mA. A step size of 0.01° and a counting time
of 30 s per step were used for X-ray diffraction
experiments. The X-ray diffraction peaks were
deconvoluted by the MacDiff program [20], using
a pseudo-Voigt method [21], to obtain the lattice
parameter of B2 and L21 phases. High purity sili-
con powder was used as a standard for correcting
the diffractometer misalignment.

3. Computational methodology

The formation energies of 11 B2 compounds rel-
evant to the present study were carried out using
the Vienna ab initio Simulation Package (VASP),
the details of which are described elsewhere
[22,23]. The VASP code is based on the electronic
density functional theory. The VASP code
implements Vanderbilt ultrasoft pseudopotentials
[24], and uses iterative strategies based on residual
minimization and preconditioned conjugate-gradi-
ent techniques for the diagonalization of the Kohn–
Sham Hamiltonian. The energy cut-off for the
plane-wave basis set was 314 eV.
For the Brillouin-Zone integration, Methfessel–

Paxton [25] technique with a modest smearing of
the one electron levels (0.1 eV) is used. The K-
point mesh for Brillouin-Zone integration was con-
structed using the Monkhorst–Pack [26] scheme. A
mesh of 20 × 20 × 20 was used, and the resulting

formation energies are estimated to be numerically
converged to a precision of about 1 meV/atom. For
Ni and Ni-containing B2 phases, spin-polarized
calculations are employed. All ab initio total ener-
gies are calculated at the generalized gradient
approximation level to account for the non-locality
of the exchange-correlation functional. Also, in
this study, Ti-3p and Zr-4p states are treated as
valence electrons.

4. Results

4.1. Phases and microstructure: CTEM

The presence/absence of Heusler phase in thin
foils can be confirmed by examining the trans-
mission electron diffraction pattern either along
[1 1 0] or along [1 1 2] zone axis. Accordingly, the
thin foils of as-quenched and aged specimens were
always examined along or close to either of these
zone axes.
Fig. 1 shows bright-field images of solution

treated and quenched specimens. Fig. 1(d) shows
large Ti2Ni-based particles located on or near grain
boundaries. These particles are preferentially
etched by the electrolyte, which is consistent with
the fact that Ti2Ni is prone to corrosion [27]. Ti2Ni
melts at 984 °C [28], significantly lower than the
solution temperature of 1100 °C. The morphology
of these particles suggests that the Ti2Ni-based
phase existed as liquid droplets at the solution
treatment, solidifying during the subsequent oil
quenching. Fig. 1(e) shows a bright-field TEM
micrograph of solutionized B + 20Pd specimen
showing evidence of Heusler precipitates. How-
ever, Ti2Ni-based particles were not observed. A
very small size of the Heusler precipitates ($4 nm
in diameter) in Fig. 1(e) suggests that precipitation
occurred during quenching, and they were not
present at the solution treatment temperature. On
the other hand, the as-quenched B + 5Pt alloy does
not exhibit Heusler precipitates.
Fig. 2(a) shows the [0 1 1] diffraction pattern

that is observed in A, A + 5Hf, A + 5Zr, B +
5Pd, and B + 5Pt alloys, and it clearly shows the
absence of any Heusler phase. On the other hand,
the [0 1 1] diffraction pattern in Fig. 2(b), from
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Fig. 1. Bright-field TEM micrographs of solutionized and as-quenched alloys (a) A, (b) A + 5Hf, (c) A + 5Zr, (d) B + 5Pd, (e)
B + 20Pd, and (f) B + 5Pt. (d) shows the presence of Ti2Ni-based particles. The presence of Heusler phase in (e) may be noted.

alloy B + 20Pd, shows superlattice reflection spots
specific to the Heusler phase. This is consistent
with very fine (~4 nm) L21 precipitates seen in
Fig. 1(e).
Fig. 3 shows dark-field images of Heusler pre-

cipitates in the specimens aged at 600 and 800 °C.
Centered dark-field images are obtained by using
the (1 1 1)-type superlattice reflection specific to
Heusler ordering. A representative [0 1 1] diffrac-
tion pattern of the aged specimens is shown in Fig.

4. Fig. 3(a)–(d) corresponds to aging for 1000 h,
and Fig. 3(e)–(h) corresponds to that for 100 h.
In all alloys, the precipitates remain fully coherent
when aged at 600 °C, and the maximum precipitate
diameter is 25 nm. Also, in general, a strong domi-
nance of the misfit strains in this two-phase aggre-
gate is observed through (i) the cuboidal shape of
L21 precipitates, (ii) a strong spatial correlation
where the L21 precipitates align preferentially
along the elastically soft #1 0 0$ directions of the
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Fig. 2. [0 1 1] diffraction patterns of (a) A, A + 5Hf, A +
5Zr, B + 5Pd, and B + 5Pt and (b) B + 20Pd. (a) is indexed in
terms of the B2 structure, while (b) is indexed in terms of the
L21 structure. The diffraction pattern in (a) clearly demonstrates
the absence of the L21 phase.

B2 matrix, and (iii) a minimum distance of separ-
ation. As anticipated, these features are remarkably
analogous to the classical γ /γ! coherent micro-
structure [29]. It has been shown by extensive
theoretical modeling that these features are dictated
by a crucial interplay between strain and interfacial
energies [30]. However, the extent of these effects
is related to misfit strain, elastic anisotropy, and
the volume fraction of the precipitate.
In the alloy B + 20Pd aged at 800 °C, two modes

of Heusler precipitate sizes are observed, as shown
in Fig. 3(f). The larger precipitates (mean diameter
is about 150 nm) are the result of nucleation and
growth of those formed during isothermal aging
and also growth/coarsening of those formed during
quenching from solution treatment temperature
(see Fig. 1(e)). The smaller precipitates (%5 nm
in diameter) are believed to have formed during
quenching from the aging temperature of 800 °C.
The L21 particles in the alloy B + 20Pd (see Fig.

3(f)) and in the alloy B + 5Pt (see Fig. 3(h)) are
larger than the foil thickness so that the analytical
electron microscopy can be conducted without
inducing any matrix effect. On the other hand, the
finer L21 precipitates in the alloy B + 5Pd needed
to be analyzed with 3DAP microscopy. In Fig.
3(h), corresponding to alloy B + 5Pt, misfit dislo-
cations are present at the precipitate/matrix inter-
faces indicative of a large lattice misfit. This is in
contrast to the alloy B + 20Pd (see Fig. 3(f)) where
large spherical precipitates without misfit dislo-
cations, indicative of low lattice misfit, are
observed.

The mean value of the precipitate radius, r̄, and
the width of the particle size distribution as a func-
tion of aging time and temperature are given in
Table 2. It is important to note that in alloys A,
A + 5Hf and A + 5Zr, r̄ at 800 °C is larger than
at 600 °C by a factor of 41 or more, while in alloys
B + 5Pd, B + 20Pd and B + 5Pt, r̄ at 800 °C is
larger than at 600 °C by a factor of less than 14.
These results will be analyzed further to identify
possible mechanisms governing the microstruc-
tural dynamics.

4.2. Partitioning behavior

4.2.1. Analytical electron microscopy
The k factors used in this study were kAl/Ni =

0.7043 ± 0.0143, kPd/Ni = 2.2906 ± 0.2030, kPt/Ni
= 1.7771 ± 0.1435, and kTi /Ni = 0.9810 ± 0.0104.
Fig. 5 shows the EDS X-ray spectra of B2 and L21
obtained from (a) A, (b) A + 5Zr, and (c) B +
5Pt aged at 800 °C. The qualitative difference in
composition is clearly visible in the Al peak. The
compositions of B2 and L21 phases are listed in
Table 3.
The partition coefficients (%B2/L21x = xB2 /xL21) of

Hf, Pd, Pt, and Zr at 800 °C are determined based
on the AEM data to be 2.17 for Hf, 0.68 for Pd,
2.17 for Pt, and 1.35 for Zr. Hf, Pt, and Zr show
a preference to partition to the B2 phase at this
temperature. This weakens their effectiveness in
reducing the lattice misfit. However, the stabiliz-
ation of the martensite phase can be expected,
allowing a higher transformation temperature [8–
11]. The addition of Pd to the TiNi–Ni2TiAl sys-
tem is amenable for lattice misfit reduction, as
manifested in the spherical precipitates of Fig. 3(f).
The Heusler precipitates in all specimens aged

at 600 °C and B + 5Pd aged at 800 °C are too
small to conduct AEM experiments using thin foil
specimens without having to consider matrix over-
lap in the quantitative analysis of data. To over-
come these difficulties, the higher resolution 3DAP
technique was employed to determine the compo-
sitions of B2 and L21 phases in these microstruc-
tures.
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Fig. 3. Dark-field TEM micrographs of specimens aged at 600 (a, c, e, g) and 800 °C (b, d, f, h) showing fully coherent Heusler
precipitates: (a–b) alloy A, (c–d) alloy A + 5Zr, (e–f) alloy B + 20Pd, (g–h) alloy B + 5Pt. Aging time for (a–d) is 1000 h, and for
(e–h) it is 100 h.



6348 J. Jung et al. / Acta Materialia 51 (2003) 6341–6357

Fig. 4. [0 1 1] diffraction pattern of alloy A aged at 600 °C
for 1000 h. Diffraction pattern is indexed in terms of the L21
structure.

4.2.2. 3D atom-probe microscopy
The average compositions, based on 3DAP

analysis, of the phases observed during aging at
600 °C and B + 5Pd aged at 800 °C are listed in
Table 4. The partitioning coefficient of Hf and Zr
at 600 °C is %B2/L21Hf = 0.87, and that of Zr is
%B2/L21Zr = 0.75, showing inversion of partitioning
compared to 800 °C. The partitioning coefficient
of Pd at 800 °C is %B2/L21Pd = 0.64, and at 600 °C,
it is %B2/L21Pd = 0.60 or 0.53 for B + 5Pd and B +
20Pd, respectively. This shows that the partitioning
coefficient of Pd is virtually independent of the
temperature and composition, in contrast to Hf or
Zr which shows a temperature sensitive partition-
ing behavior. B + 5Pt could not be analyzed

Table 2
Average radius r̄ (nm) of Heusler precipitates, with the width of the particle size distribution. The number of precipitates used in
each measurement is given in parentheses. The alloys A, A + 5Hf, and A + 5Zr are aged for 1000 h, while B + 5Pd, B + 20Pd,
and B + 5Pt are aged for 100 h

Aging treatment A A + 5Hf A + 5Zr B + 5Pd B + 20Pd B + 5Pt
(°C)

600 7.50 ± 1.97 (176) 6.24 ± 1.53 (50) 5.65 ± 1.00 (50) 9.48 ± 1.54 (50) 12.7 ± 2.38 (50) 6.88 ± 1.24 (50)
800 332 ± 158 (50) 312 ± 105 (50) 233 ± 81.3 (50) 34.6 ± 5.04 (50) 75.5 ± 21.4 (50) 96.8 ± 34.8 (50)

because no suitable electrolyte was found for
specimen preparation.
Ti2Ni3-based particles are found in A + 5Hf and

A + 5Zr aged at 600 °C. The metastable Ti2Ni3
phase composition shows strong partitioning of Hf
and Zr toward this phase. Both A + 5Hf and A
+ 5Zr were slightly Ni rich, and the Ti2Ni3 phase
should be avoidable in a Ni lean alloy composition.

4.3. Lattice parameter measurements by X-ray
diffraction and atomic volumes

The composition dependence of lattice para-
meter in B2–TiNi can be described in terms of site
fractions of the species. In other words, the volume
of the unit cell is the weighted sum of the species
(including constitutional vacancies)

a3 " &n
j " 1

(yNij & yTij )'TiNi
j (2)

with ΣyNij = ΣyTij = 1, where the superscripts Ni and
Ti refer to two sublattices. The lattice parameter
for the Heusler phase can also be described in
terms of site fractions of the species as in the B2
system. Knowing the atomic volume of all species
and their site occupancies on the sublattices of the
Heusler structure, the lattice parameter in the
multicomponent system can be modeled as fol-
lows:

a3 " &n
j " 1

(8yNij 'Ni2TiAlj & 4yTij 'Ni2TiAlj (3)

& 4yAlj 'Ni2TiAlj )

By determining the atomic volumes of Al, Hf, Ni,
Ti, Pd, Pt, and Zr in B2–TiNi and L21 phases, the
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Fig. 5. An as-collected EDS X-ray spectrum from a B2 matrix and a semicoherent Heusler phase particle after aging (a) A, (b)
A + 5Zr, and (c) B + 5Pt at 800 °C. The X-ray collection time was 100 s. Background correction was performed using DTSA software.

composition dependence of the lattice misfit
between multicomponent B2 and L21 can be
described.
The ambient lattice parameters of B2 and L21

phases obtained from the X-ray diffraction experi-
ments, corrected for instrumental factors, are listed
in Table 5 as a function of heat treatment. Lattice
parameters for solutionized B + 5Pd and B +
20Pd are not listed because Ti2Ni precipitates were

observed in B + 5Pd and Heusler precipitation was
not suppressed in B + 20Pd.
Using the experimental lattice parameters, the

atomic volumes of Al, Ti, Ni, and Zr in both TiNi
and Ni2TiAl have already been reported [17]. Here,
we derive the atomic volumes of Pd ('TiNi

Pd ) and Pt
('TiNi

Pt ). Ref. [11] reported the effect of Pd on the
lattice parameter of TiNi. Using their data in con-
junction with Eq. (2), we obtain 'TiNi

Pd = 0.0172
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Table 3
Equilibrium compositions of B2 (TiNi) and Heusler (Ni2TiAl) phases at 800 °C determined by AEM. The uncertainty refers to 99%
confidence level

Alloy Phase Al (at.%) Ti (at.%) Ni (at.%) Hf, Pd, Pt, or Zr (at.%)

A B2 3.80±0.17 43.15 ± 0.35 53.04 –
Heusler 19.79±0.74 27.94 ± 0.09 52.27 –

A + 5Hf B2 4.13±0.39 38.65 ± 0.09 51.75 5.48±0.31
Heusler 20.52±0.84 25.23 ± 0.12 51.72 2.53±0.17

A + 5Zr B2 3.91±0.27 39.77 ± 0.17 51.14 5.18±0.27
Heusler 21.80±0.66 23.80 ± 0.02 50.56 3.84±0.21

B + 20Pd B2 4.13±0.24 43.47 ± 0.75 29.02 23.38±2.06
Heusler 15.70±0.22 28.13 ± 0.83 21.54 34.63±2.50

B + 5Pt B2 2.93±0.28 45.67 ± 0.01 45.89 5.50±0.88
Heusler 20.52±1.04 30.48 ± 0.30 49.45 2.53±0.24

Table 4
Compositions of the phases present as determined by 3DAP. The uncertainty refers to the ±2s interval in a binomial distribution

Alloy (°C) Phase Al (at.%) Ti (at.%) Ni (at.%) Hf, Pd, Pt, or Zr (at.%)

A (600) B2 2.67±1.10 44.29 ± 0.84 53.05 ± 0.76 –
Heusler 23.54±1.84 26.02 ± 1.80 50.44 ± 1.48 –

A + 5Hf (600) B2 2.14±0.54 44.32 ± 0.40 51.34 ± 0.38 2.20±0.54
Heusler 16.56±1.22 27.89 ± 1.14 53.02 ± 0.92 2.52±1.32
Ti2Ni3 2.17±3.08 31.20 ± 2.60 58.37 ± 2.02 8.26±3.00

A + 5Zr (600) B2 2.28±2.06 43.68 ± 1.56 51.10 ± 1.46 2.94±2.06
Heusler 21.70±2.32 26.96 ± 2.24 47.45 ± 1.90 3.90±2.58
Ti2Ni3 0.00±0.00 24.41 ± 4.52 64.37 ± 3.10 11.22±4.90

B + 5Pd (800) B2 4.69±1.14 42.30 ± 0.88 48.11 ± 0.84 4.90±1.14
Heusler 21.24±4.08 29.13 ± 3.86 42.00 ± 3.50 7.63±4.42

B + 5Pd (600) B2 2.80±1.10 44.50 ± 0.82 47.43 ± 0.80 5.27±1.08
Heusler 22.04±1.92 28.97 ± 1.84 40.23 ± 1.68 8.76±2.08

B + 20Pd (600) B2 2.54±2.36 46.47 ± 1.76 33.76 ± 1.94 17.23±2.18
Heusler 21.36±1.14 29.42 ± 1.08 16.77 ± 1.18 32.46±1.06

Table 5
Lattice parameter of B2 phase in solution treated (at 1100 °C) alloys, and B2 and L21 phases in aged (at 800 or 600 °C) alloys

Phase A A + 5Hf A + 5Zr B + 5Pd B + 20Pd B + 5Pt

Solution treated B2 0.30018 nm 0.30331 nm 0.30543 nm – – 0.30059 nm
Aged at 800 °C B2 0.30022 nm 0.30298 nm 0.30468 nm 0.30360 nm 0.30612 nm 0.30202 nm

Heusler 0.59068 nm 0.59410 nm 0.59851 nm 0.60175 nm 0.61031 nm 0.58073 nm
d at 25 °C #0.0163 #0.0196 #0.0178 #0.0090 #0.0031 #0.0386
Aged at 600 °C B2 0.30132 nm 0.30171 nm 0.30255 nm 0.30276 nm 0.30579 nm 0.30239 nm

Heusler 0.59358 nm 0.59518 nm 0.60351 nm 0.59818 nm 0.60397 nm 0.59446 nm
d at 25 °C #0.0150 #0.0137 #0.0026 #0.0121 #0.0124 #0.0171
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nm3. As there are no literature lattice parameter
data of B2 Ti(Ni,Pt) alloys, the lattice parameter
of the solution treated B + 5Pt specimen was used
as a reference, and we obtain 'TiNi

Pt = 0.0144
nm3. The results are summarized in Table 6.
We have also derived the atomic volume of Pd

and Pt in the L21 phase using the following
approximations based on the substitution behavior
described in Ref. [17]:

'Ni2TiAl(Pd,Pt) " 'TiNi
(Pd,Pt) (

'Ni2TiAlTi

'TiNi
Ti

(4)

However, the lattice parameter of L21 was system-
atically overestimated using this approximation. In
the absence of any experimental lattice parameter
data of single phase (Ni,Pd,Pt)2TiAl alloys, the L21
lattice parameters of B + 20Pd and B + 5Pt aged
at 800 °C were used as a reference in order to
derive 'Ni2TiAlPd = 0.0155 nm3 and 'Ni2TiAlPt =
0.0110 nm3.
In the case of Hf or Zr substituting for Ti in L21,

the atomic size effect associated with atomic cores
can be determined as follows: )'(Hf,Zr) =
('∗

(Hf,Zr)#'Ti) /'Ti = +0.56 for Hf and +0.94 for
Zr. In other words, Hf atoms are calculated to be
56% larger than the Ti atoms they replace, and Zr
atoms are 94% larger. In the case of Pd or Pt sub-
stituting for Ni, )'(Pd,Pt) = ('∗

(Pd,Pt)#'Ni) /'Ni =
+0.35 for Pd and #0.04 for Pt. This shows that for
any given amount of substitution, Zr is most effec-
tive in increasing the lattice parameter of the L21
phase. Pt will not contribute in the reduction of the
lattice misfit regardless of the partition behavior

Table 6
The atomic volumes (in nm3) of Ni, Al, Ti, Hf, Pd, Pt, and Zr
at 25 °C derived from the lattice parameter data of TiNi and
Ni2TiAl. These values are compared with atomic volumes in
the respective stable reference state of the elements

Species TiNi Ni2TiAl Stable elemental state

Ni 0.0123 0.0115 0.0109 (fcc)
Al 0.0114 0.0124 0.0166 (fcc)
Ti 0.0151 0.0157 0.0177 (hcp) [31]
Hf 0.0236 0.0245 0.0224 (hcp) [32]
Pd 0.0172 0.0155 0.0147 (fcc) [33]
Pt 0.0144 0.0110 0.0151 (fcc) [33]
Zr 0.0293 0.0305 0.0233 (hcp) [34]

since 'TiNi
Pt * 'TiNi

Ni but 'Ni2TiAlPt $ 'Ni2TiAlNi . The
small atomic volume of Pt in L21 suggests a strong
bonding interaction between Pt and Ti, or Pt and
Al.

5. Discussion

5.1. Ab initio results and relevance to
experimental data

Selected cohesive properties of the B2 phases
relevant to the present study are listed in Table 7.
Among the B2 phases, four (NiAl, TiNi, TiPd,
TiPt) are stable, as they appear in the correspond-
ing binary phase diagrams, and the others should
be considered as virtual phases.
The heat of formation ()Hf) of the stable B2

Table 7
Ab initio heat of formation ()Hf) and lattice parameter of Ni–
X and Ti–X B2 intermetallics

Phase Reference state Heat of Lattice
formation parameter
(kJ/mol) (nm)

TiNia hcp-Ti, fcc-Ni #35.730 0.30200
bcc-Ti, fcc-Ni #40.900

NiAlb fcc-Al, fcc-Ni #63.411 0.28961
NiHf hcp-Hf, fcc-Ni #42.940 0.31673

bcc-Hf, fcc-Ni #50.760
NiPd fcc-Ni, fcc-Pd +6.513 0.29982
NiPt fcc-Ni, fcc-Pt #0.928 0.29999
NiZr fcc-Ni, hcp-Zr #34.327 0.32223

fcc-Ni, bcc-Zr #37.767
TiAl fcc-Al, hcp-Ti #25.826 0.31897

fcc-Al, bcc-Ti #30.996
TiHf hcp-Hf, hcp-Ti +12.495 0.33916

bcc-Hf, bcc-Ti #0.495
TiPdc hcp-Ti, fcc-Pd #43.979 0.31862

bcc-Ti, fcc-Pd #51.149
TiPtd hcp-Ti, fcc-Pt #77.286 0.31918

bcc-Ti, fcc-Pt #82.455
TiZr hcp-Ti, hcp-Zr +10.150 0.34252

bcc-Ti, bcc-Zr +1.541

Previous ab initio prediction based on ground states:
a TiNi: #35.7 to –52.0 kJ/mol [36,39].
b NiAl: –63 to –80 kJ/mol [35].
c TiPd: –61 to –97 kJ/mol [36].
d TiPt: –69.3 kJ/mol [40].
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phases has been investigated, both experimentally
and theoretically. Our calculated )Hf is in good
agreement with the reported calorimetric measure-
ments as well as previous ab initio results. In the
case of NiAl, both calorimetric data and theoretical
predictions are critically assessed by Rzyman et al.
[35]. Experimental )Hf for NiAl lies between
#58.3 ± 1.1 to #67.4 ± 2.55 kJ /mol, and our pre-
dicted value of #63.411 kJ/mol is well within the
range of experimental values. In the case of TiNi,
our predicted )Hf is #40.9 kJ/mol with respect to
bcc-Ti and fcc-Ni. The experimental )Hf is
#34.0 ± 2.0 kJ /mol [36], measured at 1202 °C.
)Hf values of #31.6~#33.9 have been reported
previously [36]; however the temperature was not
well documented. The predicted )Hf is overesti-
mated by more than 5 kJ/mol. The predicted )Hf
of TiPd and TiPt are #51.149 and #82.455
kJ/mol. The experimental values #53.1 ± 3.0 kJ /
mol for TiPd measured at 1250 °C [36], and #
77.1 ± 3.1 kJ /mol for TiPt measured at 1400 °C
[36] demonstrate good agreement.
Linear extrapolation of the temperature depen-

dence of the lattice parameter of TiNi [37] gives
a = 0.30151 nm at 0 K, which is in very good
agreement with our predicted value of 0.3020 nm.
For NiAl, we have used experimental data of
Hughes et al. [38]. A non-linear least square fit
yields a = 0.28805 nm at 0 K compared to the
predicted value of 0.28961 nm, a discrepancy of
only 0.5%. In the case of TiPd and TiPt, experi-
mental data as a function of temperature are not
available; thus a comparison could not be made
with our predicted values.
The measured lattice parameters of solution

treated and quenched ternary and quaternary B2
alloys are also consistent with the ab initio lattice
parameter values. For example, ternary alloy A
may be conceived as a mechanical mixture of 90
mol% TiNi and 10 mol% of NiAl. This yields a
predicted lattice parameter of 0.30076 nm at 0 K,
which compares favorably with the lattice para-
meter value of 0.30018 nm at room temperature
(see Table 5). Similarly, the lattice parameters of
A + 5Hf and A + 5Zr can be calculated with the
ab initio lattice parameter values, where A + 5Hf
is approximated as 80 mol% TiNi + 10 mol%

NiAl + 10 mol% NiHf, and A + 5Zr as 80
mol% TiNi + 10 mol% NiAl + 10 mol% NiZr.
Incorporating the temperature dependency of lat-
tice parameter, the calculated lattice parameters are
0.30278 and 0.30333 nm, respectively. Compared
to the experimental data of Table 5, they show a
discrepancy of less than 0.7%.
Another important ab initio result is the ability

to predict site occupancy of Hf and Zr in the B2
phase. Earlier, we had reported experimental deter-
mination of site occupancy of Hf and Zr in B2 of
alloys A + 5Hf and A + 5Zr aged at 600 °C. This
was done by atomic scale chemical analysis of
(1 0 0) layers in a 3DAP [17]. The results are sum-
marized in Table 8 [17]. The site occupancy of Pd
and Pt in B2 could not be measured due to experi-
mental difficulty. Nevertheless, we find that more
than 80% of Hf and Zr atoms in B2 phase reside
on the Ti-sublattice. This is expected from the
trends of )Hf values of NiHf, NiZr, TiHf, and
TiZr. When Hf or Zr atoms reside on the Ti-sublat-
tice, they form Ni–Hf and Ni–Zr nearest neighbor
bonds which are energetically more favorable com-
pared to the formation of Ti–Hf and Ti–Zr nearest
neighbor bonds when Hf and Zr reside on the Ni-
sublattice. While the vast majority of the site occu-
pancy is consistent with the enthalpic criterion
alone, some intermixing is expected at finite tem-
perature due to configurational entropy.

5.2. Kinetics of L21 precipitation

In order to predictively control desired nano-
scale microstructure, it is of fundamental impor-
tance to investigate the microstructural dynamics
that determines the characteristic length scales of
the precipitates. It is well established that the kin-
etics of precipitation from a supersaturated solid
solution is governed by the interplay of three pro-

Table 8
Experimental site occupancy of Hf and Zr in B2 and L21, as
determined by 3DAP[17]

Site Hf ± 2s Zr ± 2s

B2 Ti 82 ± 8% 83 ± 10%
L21 Ti 89 ± 20% 83 ± 30%
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cesses: (i) nucleation of precipitates, (ii) their
growth kinetics, and (iii) coarsening (or Ostwald
ripening) of the precipitates. Even though the dis-
tinction between the growth and coarsening stages
is somewhat arbitrary and these three processes
may overlap, we seek to identify the governing
processes at 600 and 800 °C. Of particular interest
is the competition between growth and coarsening.
As shown in Fig. 1, the nucleation of L21 pre-

cipitates was suppressed during quenching follow-
ing solution treatment in all alloys except B +
20Pd. Therefore, all three processes may take place
during isothermal aging in these alloys, while some
nucleation has occurred in B + 20Pd during oil
quenching prior to aging which may continue
further during isothermal aging along with growth
and coarsening.
Since both growth and coarsening processes are

diffusion controled, it is necessary to consider the
diffusion data in the multicomponent B2 phase.
Unfortunately, the diffusion data for all relevant
elements in B2–TiNi are not available, and there-
fore the slowest diffusing species cannot be ident-
ified. Available diffusion data for congruently
melting B2 intermetallics [41–48], summarized in
Table 9, show that the diffusivities of the compo-
nents do not differ appreciably. From Table 9, it
can be seen that the diffusivity ratio DB /DA in B2
compounds at the stoichiometric composition falls
within the limits 0.5–2 prescribed by the six jump
cycle [49] with the exception of PdIn at low tem-
peratures. It has been proposed that in PdIn, the

Table 9
A comparison of the diffusivities (DA and DB) in congruently melting B2 compounds at the stoichiometric composition as a function
of normalized temperature (TH = T /TM). The aging temperatures 600 and 800 °C correspond to TH = 0.55 and TH = 0.68 in equiatomic
TiNi. The TM of AuCd, AuZn, PdIn, NiAl and NiGa is taken as 629, 758, 1285, 1638, and 1220 °C, respectively

Compound AB Normalized temperature TH D+B/D!B

0.55 0.68 D+A/D!A

D!A D!B D!B/D!A D+A D+B D+B/D+A

AuCd [42,43] 8.16 × 10#14 9.97 × 10#14 1.22 1.61 × 10#11 2.01 × 10#11 1.25 197.3 201.6
AuZn [44] 5.40 × 10#14 4.08 × 10#14 0.76 1.30 × 10#11 1.44 × 10#11 1.11 240.7 352.9
PdIn [45] 3.81 × 10#15 4.70 × 10#14 12.34 2.17 × 10#12 5.52 × 10#12 2.54 569.6 117.4
NiAl [46,47] 2.25 × 10#15 1.93 × 10#15 0.86 1.59 × 10#12 2.16 × 10#12 1.36 706.7 1119.2
NiGa [48] 1.03 × 10#12 4.95 × 10#13 2.08 1.14 × 10#10 2.69 × 10#11 2.36 110.7 54.3

diffusivities of both alloy components are not
directly correlated and the diffusion of Pd can be
described by next neighbor jumps of Pd into single
Pd vacancies, while the diffusion of In occurs by
both the nearest and next nearest neighbor jumps
[45].
In the binary B2–TiNi, diffusivity data are avail-

able on a limited basis. Determination of the dif-
fusivities in this system was based on either the
growth kinetics of TiNi-layer in diffusion couples
or tracer diffusion experiments using 63Ni. Bastin
and Rieck [50] have derived interdiffusion coef-
ficients and diffusion activation energies using
various diffusion couples to be D0 = 2.0 × 10#9

m2 /s and Q = 142 kJ /mol, respectively. The vari-
ance of the activation energy over the composition
range of 50–52 at.% Ni is less than the error of
the measurement. This gives the volume interdiffu-
sivity (D̃v) of TiNi at 600 and 800 °C to be 6.37
× 10#18 and 2.44 × 10#16 m2 /s, respectively. In
this case, D̃v

800 / D̃v
600 is about 38.3.

Erdelyi et al. [51] measured the tracer diffusivity
of 63Ni in TiNi and observed Arrhenius behavior
with D0 = 2.1 × 10#9 m2 /s, Q = 155.6 kJ /mol.
Bernardini et al. [52] reported consistent values
through tracer volume diffusion measurements in
the Ni–50.07at.%Ti binary and Ni–48.83at.%Ti–
9.29at.%Cu ternary alloys. This gives the diffusiv-
ity (DNi) of 63Ni in TiNi at 600 and 800 °C to be
1.03 × 10#18 and 5.59 × 10#17 m2 /s, respectively.
Here, DNi800 /DNi600 is about 54.3. Based on the data
provided in Table 9, it is assumed that DTi800 /DTi600
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will not be too different from 54.3. In the following
analysis, both DNi800 /DNi600 and D̃v

800 / D̃v
600 are used.

If the diffusion controled growth process is
operating at both temperatures for the isochronal
heat treatment,

r̄800
r̄600

%'D800
D600

%7.4 (5)

using DNi values. If the volume interdiffusivity is
used, the right hand side of Eq. (5) yields a value
of 6.2. Based on the measured r̄ data for alloys A,
A + 5Hf and A + 5Zr (see Table 1), r̄800 / r̄600 is
about 41–50 which is much bigger than the
expected value of 6.2–7.4 from Eq. (5). On the
other hand, the r̄800 / r̄600 in alloys B + 5Pd, B +
20Pd and B + 5Pt (see Table 2), is 3.6, 6.0, and
14, respectively. These are much closer to the
expected value of 6.2–7.4 based on TiNi dif-
fusion data.
Since nucleation has occurred prior to aging in

B + 20Pd, Eq. (5) is modified as follows:

r̄2800#r̄20,800
r̄2600#r̄20,600

%
D800
D600

%38.3 ! 54.3 (6)

where r̄0,800 and r̄0,600 are radii at the onset of
growth. r̄0,800 is measured as 2.5 nm and assuming
r̄0,600 = r̄0,800, the left hand side of Eq. (6) yields
36.7. Again, B + 20Pd provides a value close to
that calculated on the right hand side based on
both D̃v and DNi, and therefore, the mechanism for
the kinetics of precipitation can be interpreted as
diffusion controled growth at both temperatures.
While B + 5Pt could also be explained by Eq. (6),
it is worth considering alternative mechanisms
for clarification.
For an isochronal heat treatment, if a coarsening

process operates at both temperatures,

r̄800
r̄600

%3'f800
f600
sS
sC

D800
D600

(7)

where the ratio f800 / f600 accounts for the effect of
volume fraction on the coarsening rate constant,
and sS and sC are the semicoherent and coherent
interfacial energies. The difference in molar vol-
ume between 600 and 800 °C is ignored. Since the
volume fraction of L21 decreases with increasing
temperature, the ratio f800 / f600 will be always less

than unity. Assuming sS = 5sC, and f800 / f600 = 1
as an upper limit, an upper bound value for the
right hand side of Eq. (7) is evaluated as 5.76 based
on D̃v and 6.47 based on DNi. These values are
again much smaller than experimental r̄800 / r̄600 in
alloys A, A + 5Hf, A + 5Zr, but closer to those in
alloys B + 5Pd, B + 20Pd and B + 5Pt.
If the growth process is operating at 800 °C

while coarsening at 600 °C,

r̄800
r̄600

%
(X1100B2 #X 800B2 ) / (X800H #X800B2 )(D800t

3(8D600sCtVmX600B2 (1#X600B2 ) / (9RT(X600H #X600B2 )2)
,

Vm " NA
a3

16 (8)

where X1100B2 is the concentration of Al in the sol-
ution treated specimen, X800B2 and X600B2 the concen-
trations of Al in B2 of the specimens aged at 800
and 600 °C, respectively, X800H and X600H the concen-
trations of Al in Heusler phase of the specimens
aged at 800 and 600 °C, respectively. These are
listed in Tables 3 and 4. R is the gas constant, T
the temperature in K, Vm the average molar volume
of the Heusler phase, NA Avogadro’s number and
a the lattice parameter of Heusler phase at 600 °C.
The concentration of Al is chosen because Al is
the solute which undergoes the largest partitioning
between the phases. Assuming a reasonable value
for the coherent interfacial energy sC = 20 mJ /
m2, we find that r̄800 / r̄600 lies in the range of 30.5–
45.0 based on DNi, and 23.6–51.0 based on D̃v.
This is certainly much closer to the experimental
r̄800 / r̄600 values (41–50, see Table 2) in alloys A,
A + 5Hf and A + 5Zr than the two other possible
dynamics discussed, but much bigger than the
experimental r̄800 / r̄600 value in alloys B + 5Pd, B
+ 20Pd, and B + 5Pt.
It is well established that the splitting of precipi-

tation kinetics into three distinct regimes is some-
what artificial, and in reality, all three processes
may overlap. To address this issue, Langer and
Schwartz [53] developed a general theory of pre-
cipitation kinetics where an important parameter is
the degree of supersaturation. At high supersatu-
ration, the nucleation rate is very high causing the
supersaturation to drop rapidly. The decrease in
supersaturation causes the particles smaller than
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critical size to dissolve. The average particle size
is initially governed by the nucleation process and
smoothly changes to the regime governed by coars-
ening. The growth stage is bypassed because all
the supersaturation is consumed during nucleation
and coarsening. This seems to be the operating pro-
cess at 600 °C in alloys A, A + 5Hf and A +
5Zr. On the other hand at low supersaturation, the
precipitation kinetics proceeds through distinct
stages of growth and coarsening. This may be the
operating mechanism at 800 °C in alloys A, A +
5Hf and A + 5Zr, where the Al supersaturation
ratio is decreased by 60% based on our measured
tie lines. In contrast, the microstructural dynamics
in alloys B + 5Pd, B + 20Pd and B + 5Pt can be
described either by growth or by coarsening at
both temperatures.
To account for the difference observed in the

precipitation mechanisms of alloys A vs. B, the
manifold assumptions made have to be validated
carefully. Here, the microstructural dynamics in all
alloys is discussed considering the TiNi diffusion
data only, and no attempt was made to identify the
slowest diffusing species in ternary and quaternary
alloys. As seen in Table 9, the diffusivity of alloy
components in B2 at a given temperature can differ
significantly if the diffusion mechanisms are differ-
ent as is the case for PdIn. As in random solid
solutions, vacancies also mediate diffusion pro-
cesses in B2 compounds. However, in ordered
compounds, random vacancy motion is not poss-
ible, as it would disrupt the equilibrium ordered
arrangement of atoms on sublattice sites. Further-
more, the degree of long-range order has a strong
influence in B2 compounds which can be affected
by the deviation from ideal stoichiometry. In a per-
fectly ordered state, the diffusion is much more
sluggish compared with the case when the long-
range order parameter is less than 1. A significant
deviation from the highly ordered state can lead to
a change in diffusion process from a six jump cycle
mechanism to a triple defect mechanism [54]. Such
a change in mechanism leads to a large disparity
in DA and DB. Besides long-range order, solute-
vacancy binding energy associated with various
alloying elements can also exert significant influ-
ence on the diffusion kinetics.
A major difference between the alloys A and B

is that in the former, the solutes (Al, Hf, or Zr)
primarily reside on the Ti-sublattice, while in B,
the solutes (Al, Pd or Pt) reside on both sublattices.
This might have contributed to a decrease in long-
range order parameter in B, thus accelerated dif-
fusion kinetics. There are no solute diffusion data
in TiNi base alloys, nor are there any theoretical
guidelines to estimate the solute-vacancy binding
energy, vacancy migration energy, etc. Both
experimental and theoretical data for diffusion in
TiNi are needed to fully interpret and understand
the phase transformation kinetics in TiNi-based
alloys.
To make TiNi-based shape-memory alloys

strengthened by Heusler phase amenable to engin-
eering applications, the B2 matrix must transform
to martensite near or above room temperature.
Calorimetric study of alloys after aging treatment
did not exhibit any martensitic transformation even
after cooling to #150 °C. Nonetheless, the present
study provides fundamental information regarding
the solute contents in the matrix after low tempera-
ture aging treatment. Transformable dispersion-
strengthened alloys can then be designed using the
phase relations obtained from these model alloys.

6. Conclusions

The precipitation of Ni2TiAl Heusler phase in a
TiNi based matrix has been investigated for Ni–
Ti–Al and Ni–Ti–Al–X (X = Hf, Zr, Pd, Pt) alloys.
The following conclusions are drawn:

1. Precipitation of Heusler phase Ni2TiAl with
L21-structure in a supersaturated B2–TiNi
matrix is confirmed to form a coherent two-
phase aggregate at the early stages. This is con-
sistent with our motivating concept that the B2–
L21 system, based on a bcc lattice, is directly
analogous to the A1–L12 (fcc) system of γ! pre-
cipitates in a γ matrix in Ni-based superalloys.

2. During isochronal aging for 1000 h, the micro-
structural dynamics of L21 precipitates in Ni–
Ti–Al and Ni–Ti–Al–X (X = Hf, Zr) is governed
by the growth process at 800 °C and by coarsen-
ing at 600 °C while kinetics in Ni–Ti–Al–X
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(X = Pd, Pt) aged for 100 h can be explained
by one process at both 600 and 800 °C.

3. For partitioning of Hf and Zr between L21 pre-
cipitates and the B2 matrix at 800 °C, the par-
titioning ratio is determined by AEM to be
%B2/L21Hf = 2.17 for Hf, and %B2/L21Zr = 1.35 for Zr.
At 600 °C, however, Hf and Zr show the inverse
partitioning behavior, with values of 0.87 for Hf
and 0.75 for Zr, as measured by 3DAP. The par-
titioning ratio of Pd at 800 °C is determined by
3DAP or AEM to be %B2/L21Pd = 0.64 and 0.68 for
5 and 20 at.% substitution respectively, and
%B2/L21Pt = 2.17 for Pt. At 600 °C, %B2/L21Pd =
0.60 and 0.53 for B + 5Pd and B + 20Pd,
respectively.

4. The measured B2 lattice parameter of solution
treated and quenched alloys, and the measured
site occupancy of Hf and Zr in B2 at low tem-
perature are consistent with the predictions from
ab initio calculations.

5. The addition of Hf or Zr to the TiNi–Ni2TiAl
system at 800 °C is undesirable for lattice misfit
reduction but useful for the control of martensite
phase stability. At 600 °C, the partition behavior
of Hf and Zr is effective for lattice misfit
reduction. The addition of Pd is amenable for
lattice misfit reduction at both 600 and 800 °C.
On the other hand, Pt is undesirable for lattice
misfit reduction at both temperatures but useful
for the control of martensite phase stability.

6. The atomic volumes of Al, Hf, Ni, Pd, Pt, Ti,
and Zr in TiNi and Ni2TiAl are obtained based
on lattice parameter measurements. Simple
models to predict the lattice parameters of B2
and L21 phases are proposed for the control of
lattice misfit in alloy design.

7. Key parameters have been established to sup-
port predictive design of nanodispersion-
strengthened shape memory alloys for high-per-
formance applications.
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