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Abstract A systematic approach to computer-aided materials design has formulated
a new class of ultratough, weldable secondary hardened plate steels combining new
levels of strength and toughness while meeting processability requirements. A theoretical design concept integrated the mechanism of precipitated nickel-stabilized
dispersed austenite for transformation toughening in an alloy strengthened by combined precipitation of M2 C carbides and BCC copper both at an optimal ∼3 nm particle size for efficient strengthening. This concept was adapted to plate steel design by
employing a mixed bainitic/martensitic matrix microstructure produced by air-cooling
after solution-treatment and constraining the composition to low carbon content for
weldability. With optimized levels of copper and M2 C carbide formers based on a
quantitative strength model, a required alloy nickel content of 6.5 wt% was predicted
for optimal austenite stability for transformation toughening at the desired strength
level of 160 ksi (1,100 MPa) yield strength. A relatively high Cu level of 3.65 wt% was
employed to allow a carbon limit of 0.05 wt% for good weldability, without causing
excessive solidification microsegregation.
Keywords Yield strength · Fracture toughness · Weldability · Copper strengthening ·
Hardness · Transformation toughening · Austenite · Stability · Dispersion ·
Precipitation
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Fig. 1 KIC toughness versus RC hardness cross-plot for ultra-high strength martensitic steels [1]

1 Introduction
With scientific advances in the past century, the property-driven view of structure
and processing for the creation of value has motivated the development of a systematic strategy in computer-aided design of materials [1,2]. The approach combines
materials science, quantum physics and continuum mechanics in the integration of
process/structure/property/performance relations for predictive design of high performance steels as multilevel dynamic structures. Throughout the history of materials
development, there has been an ever-increasing need for stronger, tougher, more
fracture resistant and easily weldable plate steels for structural applications at minimal cost. Unfortunately, however, any increase in strength is rarely achieved without
concomitant decreases in toughness and ductility, which limits the utility of most ultrahigh-strength steels. The best combinations of strength and toughness have usually
been obtained from martensitic microstructures as shown in Fig. 1. High strength
bainitic steels have not been as successful in practice because of the coarse cementite
particles in bainite that are detrimental to toughness. The primary benefit motivating
the research of air-hardened steels containing bainite/martensite mixtures is the ease
of processing, which finally leads to a product with good performance at a relatively
lower cost. There is then the possibility of improving the strength and toughness
simultaneously using fine-grained bainitic ferrite plates and enhancing the toughness by transformation toughening effects. Further improvements of strength can be
achieved with co-precipitation of alloy carbides and BCC copper for easily weldable low-carbon steels [3], where alloy carbide precipitation dissolves the deleterious
cementite.
It is now well established that the interaction of deformation-induced martensitic transformation of dispersed austenite with fracture-controlling processes such as
microvoid induced shear localization results in substantial improvements in fracture
toughness called Dispersed Phase Transformation Toughening (DPTT). This is the
toughening mechanism modeled and investigated in this work. Transformation toughening is attributed to modification of the constitutive behavior of the matrix through
pressure-sensitive strain hardening associated with the transformation volume change
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[4,5]. The transformation behavior and the toughening effects are controlled by the
stability of the austenite dispersion. For transformation toughening at high strength
levels, the required stability of the austenite dispersion is quite high and can be
achieved only by size refinement and compositional enrichment of the austenite
particles. The size influences the characteristic potency of nucleation sites in the
particles while the composition influences the chemical driving force and interfacial
friction for the martensitic transformation. The size refinement and the compositional
enrichment of the austenite can be controlled with heat treatments such as multistep
tempering [6].
Combining new levels of strength and toughness while meeting processability
requirements, the design addressed here will focus on a new class of ultratough,
weldable secondary hardened bainitic/martensitic plate steels for blast resistant naval
hull applications.

2 Design objectives
Looking ahead to the projected naval hull material requirements in the year 2020, the
primary design objectives motivating this research are the achievement of extreme
impact fracture toughness (Cv > 85 ft-lbs or 115 J corresponding to fracture toughness,
KId > 200 ksi in1/2 or 220 MPa m1/2 and KIc > 250 ksi in1/2 or 275 MPa m1/2 ) at high
strength levels of 150–180 ksi (1,030–1,240 MPa) yield strength in weldable, formable
plate steels with high resistance to hydrogen stress corrosion cracking (KISCC /KIC >
0.5) [18,19]. Because of difficulties in measurement of KId and KIc fracture toughness
at such extreme levels, toughness of prototypes will be assessed by Charpy impact energy (CV ) absorption measurements; details of the KIc − CV and KId − CV toughness
correlation will be discussed later. The primary design goals are marked by the star
in the cross-plot of KIc fracture toughness and yield strength illustrated in Fig. 2. This
design aims to substantially expand the envelope marked as “steels” to the top right
corner of the plot.

3 Design approach
Based on Cyril Smith’s [8] modern systems view of materials structure as “universal
multilevel structure with strong interactions among different levels…” this materials
design approach breaks down the complex nature of the structural hierarchy to better
understand the structure and property relations underlying the technological and economic value of materials. Our approach follows the framework of systems engineering
as outlined by Jenkins [9]. Once the final goal has been set, the structure is described
as subsystems with graphical representation of the interactions through a system flow
block diagram. The flow block diagram represents the key microstructural subsystems, links them to the properties they control and then to the stages of processing
that govern their dynamic evolution. Because of the complex nature of materials, it
should be realized that the interaction between the subsystems is as important as the
subsystems themselves. The systems analysis is then applied to identify and prioritize the key structure–property and processing–structure relations. Figure 3 describes
the system structure adopted here to design a steel with the specified strength and
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Fig. 2 KIC toughness versus σ yield strength cross-plot for different classes of materials [7]

toughness levels while meeting composition and processing constraints for weldability
and hydrogen resistance.
Our system-level design integration follows a multiobjective “satisficing” approach
[9], with aspects of single-objective optimization applied at the subsystem level based
on previously established quantitative structure/property relations for strength and
toughness. Quantitative design integration follows a parametric approach, expressing
microstructural subsystem requirements in terms of thermodynamic parameters and
employing computational thermodynamics to iteratively solve for a self-consistent alloy composition balancing the conflicting subsystem requirements. Alloy processability is addressed as constraints on overall composition and transformation temperatures.
With toughness being a major priority for this design, the matrix was chosen as a
secondary hardened bainite/martensite mixture, in which cementite particles should
be eliminated by alloy carbide precipitation in “Stage IV” tempering, as they are
detrimental to the toughness of the steel. In addition, an optimum-stability austenite dispersion in the bainitic/martensitic matrix can also help in increasing the
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Fig. 3 Material system chart for design of blast resistant naval hull steels

toughness of the steel. Our previous studies [10,11] have demonstrated exceptionally
large fracture toughness values in high-strength precipitation-hardened metastable
austenitic steels. This remarkable increase in the fracture toughness is attributable
to the process of transformation toughening which will be discussed in greater detail later. Recent studies [12] have also shown that selection of fine Ti(C, N) as a
grain refining dispersion contributes to increasing the fracture resistance by delaying the coalescence of microvoids among the primary voids. Studies [13] have also
suggested that the resistance to primary void formation and coalescence is proportional to inclusion spacing. It is thus desirable to reduce the volume fraction
of primary inclusions or coarsen inclusions for a given volume fraction. This can
be achieved by clean melt practices and tight composition control. However, engineering design fracture toughness parameters like KIc and KId are difficult and
expensive to measure. Thus for preliminary design analyses, small-scale inexpensive fracture measurements like Charpy V-notch impact energy (CV ) values can be
used to estimate KIc and KId . Studies of fracture toughness dependence on loading
rate measured over a temperature range [14] have shown that KIc fracture toughness values under static and intermediate loading are about 20% higher than the
KId measured under impact loading. While it is known that KIc and CV cannot
be universally correlated [15], Barsom and Rolfe [14] have established an approximate relation between KIc and CV test results for conventionally grain-refined steels:
2
KIC
= ACV

(1)
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Fig. 4 Correlation between KIc and CV test results [14] for high Ni steels

where A is a constant of proportionality. Fitting Eq. 1 to results from high Ni steels
shown in Fig. 4, an empirical correlation can be established for the class of steels
explored in this study.
According to these relationships, the CV impact toughness objective of 85 ft-lbs is
equivalent to the KIc fracture toughness of 250 ksi in1/2 (275 MPa m1/2 ) represented
in Fig. 2, corresponding to a dynamic KId of 200 ksi in1/2 (220 MPa m1/2 ).
A fine carbide dispersion must be obtained in order to achieve the desired strength
level. Coherent M2 C carbides have been used in secondary hardened steels that are
currently in use [16]. Previous work [17] to optimize the carbide particle size for
strength has shown that 3 nm carbide precipitates corresponding to the transition
from particle shear to Orowan bypass provide maximum strength. Thermodynamics
and kinetics of carbide precipitation have to be controlled to obtain such a fine M2 C
carbide dispersion. The driving force for M2 C nucleation should be maximized by
proper control of the amount and ratio of carbide formers in the alloy to refine the
M2 C particle size. Sufficient M2 C precipitation must be achieved to dissolve cementite
in order to attain the desired toughness levels because coarse cementite particles are
extremely deleterious as microvoid nucleation sites. Tempering times should also be
minimized to prevent impurity segregation at grain boundaries.
Even if we maintain low alloy carbon levels, higher alloying content tends to reduce
weldability by increasing hardenability. For any structural material, the heat-affected
zone (HAZ) adjacent to the welded joints are considered to be the weakest links.
Weldability of steels is controlled by both the matrix and the strengthening dispersion
structures. As a rule of thumb, for adequate weldability of the steel C content of the
alloy should be kept below 0.15 wt%. This in turn limits the C available for M2 C
strengthening. For the bainitic matrix, if we modify the hardenability of the steel, we
can obtain bainite with a much lower cooling rate. This becomes a trade-off since
weldability can deteriorate as the hardenability increases.
Ultra-high strength steels are prone to a decrease of fracture toughness in aqueous environments due to hydrogen assisted cracking. This reduction of toughness
is caused by intergranular brittle fracture associated with impurity segregation to
grain boundaries, which may reduce toughness of the steel by as much as 80% in a
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corrosive environment. The common impurities in steel are P and S, both of which
are embrittlers since they have lower free energy on a surface than at a grain boundary. The most effective way of reducing them is by cleaner processing techniques or
impurity gettering. Impurity gettering can tie up P and S as stable compounds formed
during solidification. La and Zr have been found to be effective impurity gettering
elements. Another approach to minimize impurity effects is by design of grain boundary chemistry. Segregating elements like W and Re [18,19] preferentially on the grain
boundaries that enhance grain boundary cohesion is beneficial to the stress corrosion cracking resistance. Small amounts of dissolved B also help in grain boundary
cohesion. As denoted at the lowest level of the system chart of Fig. 3, these issues
are addressed by trace element composition constraints set at the earliest stage of
material processing.
Based on the above considerations for the property → structure → processing
relationships of the overall design system, Fig. 5 presents a schematic process flow
of the iterative design integration procedure employed in this work to determine a
theoretical design composition. Each of the steps of this process will next be discussed
in turn.
3.1 Strength design
An efficient approach to strengthen the steel while limiting carbon content for weldability is co-precipitating M2 C carbides and BCC copper. By trading off the interaction
between particle size and the phase fraction of the precipitates, the goal of highstrength can be achieved.
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Fig. 6 Power-law relationship relating hardness of related steels to yield stress from experimental
data from Foley [21] (circles), Kuehmann [22] (triangles) and Spaulding [23] (diamonds) shown in
comparison to straight-line relationship for ideal plastic material

3.1.1 Quantitative strengthening contributions
As highlighted by the system design chart (Fig. 3), the strength of the alloy will be
designed by using quantitative strengthening models to predict its dependence on the
structure of the steel. To achieve a goal of 160 ksi (1,100 MPa) yield strength, quantitative models will be employed to relate the contribution from dispersions of M2 C
carbide precipitates [17] and BCC copper precipitates [20] in secondary hardened
steels. The levels of M2 C carbide formers and copper will be selected based on the
strength contribution from each of these substructures. In this work, assessment of
the yield strength of the material has been made directly from the hardness data
because of the ease and convenience in measurement of the latter. Hardness of a
material is a direct manifestation of its resistance to plastic flow, monotonically relating to yield stress. An empirical relationship has been developed between hardness
and yield stress based on experimental data from previous research on related steels:
HSLA100 data from Foley [21], AerMet100 data from Kuehmann [22] and SRG C2
experimental gear steel data from Spaulding [23]. The best-fit curve in a log–log plot
of hardness versus yield stress has been used to determine the relationship incorporating strain hardening effects. Figure 6 presents the experimentally measured
hardness—yield stress data from the previous research superimposed with the best-fit
power-law relationship and the theoretical straight-line relation describing the same
for an ideal plastic material [24]. The higher hardness of the empirical power-law
relationship relative to the ideal-plastic case represents the effect of strain hardening,
which is more pronounced at lower strength levels. The point at which the two curves
meet represents the prediction limit of the relationship.
Thus, the hardness estimate for the target yield strength of 160 ksi (1,100 MPa)
from the power-law relationship is 389 VHN. The relationship obtained is:
VHN = 6.116YS0.8184

(2)

where VHN (Vickers Hardness Number) is in kg/mm2 and YS (Yield Strength) is
in ksi.
The first step in the design involved setting the carbon content of the alloy to ensure
good weldability. Figure 7 presents the Graville diagram summarizing effects of overall
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Fig. 7 Graville diagram for determining susceptibility to HAZ cracking in plate steels [25]

carbon content and alloy carbon equivalent. This shows that at 0.05 wt% C, the steel is
not susceptible to hydrogen—induced cold cracking in the heat affected zone (HAZ)
of weldments. Consistent with the carbon level in current Navy HSLA100 steel, the
lower limit C content of 0.05 wt% C was set for the alloy, thus allowing relatively high
carbon equivalent levels of alloy content.
Based on the effect of M2 C carbide precipitates in the Orowon bypass regime, Wise
[17] developed a quantitative strength model to predict the strengthening achieved for
a given carbon level. The predictions assume that a given carbon content of the alloy
is precipitated to the full equilibrium carbide volume fraction and considers carbides
of fixed particle diameter. Based on the predicted change in hardness-carbon content
(wt%) plot shown in Fig. 8, at a C level of 0.05 wt% the hardness increment due to
M2 C carbide precipitation is estimated to be 175 VHN provided a sufficient driving
force is maintained to achieve the particle size range of ∼4–5 nm in Fig. 8. The base
strength of a lath martensitic substructure was estimated as 63 VHN by Wise [17]. The
additional strength increment of 151 VHN to achieve the strength goal of 389 VHN
must then be attained through BCC copper precipitation strengthening, described
later. The effect of solid solution strengthening is assumed to be negligible for steels
having low carbon and low hardenability. Thus, the total strength of the alloy has
been modeled by superimposing three contributions. The strength is described by the
effects of M2 C carbide precipitates, τM2C ; BCC copper precipitates, τCu and matrix
martensitic structure, τα  .
τ = τM2C + τCu + τα  ≡ 389VHN

(3)

The contributions of the individual mechanisms to achieve the strength goal equivalent to 389 VHN are graphically presented in Fig. 9.
3.1.2 M2 C carbide strengthening
For the high-strength design, we want to ensure that all of the carbon is taken up by the
M2 C carbide formers (Cr, Mo and V) in order to dissolve the cementite in the matrix.
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Fig. 8 Change in hardness as a function of alloy carbon content for M2 C carbide strengthening
contribution [17]. The arrows represent hardness increment of 175 VHN is achieved at C level of
0.05 wt% set for the alloy. Experimental results of other secondary hardening steels are shown

Fig. 9 Graphical representation for contributions of the individual mechanisms to achieve the
strength goal equivalent to 389 VHN

Cementite negatively affects strength and toughness. Therefore, we want the sum of
the atomic concentrations of Cr, Mo and V to be at least double the concentration of
C for the M2 C stoichiometry.
A series of calculations were performed in order to design a steel that meets the
strength requirements. Preliminary compositions were set using the guideline (consistent with the HSLA100 alloy) that carbon content should be limited to 0.05 wt%
for weldability (Fig. 7); Cu should be at least 1.5 wt% for significant strengthening
[21,26], minimum Ni content should be at least half that of Cu to avoid hot shortness,
and the relative amounts of carbide formers Cr, Mo and V was initially set equal in
atomic percent. A feasibility study was then performed to ensure that this strengthening concept, in conjunction with our approach for toughening (described later) is
thermodynamically possible, i.e. all of the phases needed for precipitation strengthening and nickel-stabilized austenite could co-exist at least in metastable equilibrium at
processing temperatures. A BCC Cu-rich precipitate is necessary for Cu precipitation
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Fig. 10 Cr–Mo phase diagram section at 900◦ C with alloy composition in atomic %: Fe–0.234C–
1.32Cu–6.21Ni–0.055V. This diagram shows the phase fields of the FCC austenite and FCC + M6 C
revealing that the M2 C stoichiometric line is well within the solubility limit

strengthening, an M2 C carbide phase is necessary for carbide strengthening, and FCC
austenite is critical for transformation toughening. Considering these constraints, thermodynamic feasibility of the preliminary alloy composition was verified by ThermoCalc™ [27] calculations at kinetically reasonable tempering temperatures of 400–
500◦ C using the SGTE/SSOL thermochemical database.
Before the driving forces were calculated, a Mo–Cr phase diagram section at a solution temperature of 900◦ C was calculated in order to determine the relative solubility
of the carbide formers in the austenite phase at a reasonable solution temperature.
The solubility limit should not be exceeded in order to achieve full conversion to
M2 C for maximum carbide strengthening. Recalling that the M2 C stoichiometry must
be maintained, the stoichiometric constraint, as well as the solubility limit, can be
superimposed onto a contour plot of driving force versus Mo and Cr concentration to
optimize the M2 C driving force. The Mo–Cr phase diagram section is shown in Fig. 10.
It is apparent from the diagram that solubility is not a limiting factor in the region of
interest, due to the relatively limited C content.
The stoichiometric constraints of the M2 C carbide dictated that the total amount
of carbide formers (Cr, Mo, V) needed to balance the carbon content would be
0.468 at%. Using this constraint, initial plots were constructed of the driving force for
M2 C nucleation versus at%(Mo) and at%(Cr), setting V at different levels. Figure 11
is a representative plot of driving force contours with varying at%(Mo) and at%(Cr)
at a constrained composition of 0.05 at% V at 500◦ C. The stoichiometric constraint
line has been drawn on the plot indicating the line of allowed compositions for M2 C.
This study indicated that Cr has the least effect on driving force, especially at the
higher contents of interest.
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Fig. 11 Driving forces (in kJ/mole) for M2 C carbide nucleation contour plot varying at%(Mo) and
at%(Cr) with superimposed M2 C stoichiometric (heavy) line at 500◦ C at alloy compositions at%
Fe–0.234C–1.32Cu–6.21Ni–0.055V

Based on this finding, another set of driving force plots were created varying
at%(Mo) and at%(V) while setting the Cr level at fixed values. Due to the very small
Cr dependence, all the plots were very similar and so only a representative graph
(Fig. 12) is included here at 0 at%(Cr). A similar M2 C stoichiometric line was drawn
as before, constraining a maximum driving force at about 14.4 (kJ/mole). This plot
revealed an almost equal effect on driving force for Mo and V, indicating that any
allowed ratio of the two should give a maximum driving force value, so a series of
calculations were done along the stoichiometric line (maximum driving force). We
found a feasible alloy composition where all the desired phases as mentioned before
co-existed, which is indicated by the point and arrow in Fig. 12. An initial feasible
alloy composition in wt% was thus determined without any Cr: Fe–0.05C–1.5Cu–
6.5Ni–0.6Mo–0.1V.
The V–Mo phase diagram section at a solution temperature of 900◦ C with the
feasible alloy composition was then calculated. Again, the solubility of these carbide
formers is not a limiting factor in the region of interest. This plot is shown in Fig. 13.
3.1.3 Copper precipitation strengthening
In addition to M2 C carbide strengthening, BCC copper precipitation strengthening
will be modeled to control the phase fraction of the precipitates through the alloy copper content to provide the additional increment of strength (≡151 VHN). The copper
precipitates that contribute to strengthening in steels have a metastable BCC structure,
which are fully coherent with the matrix having an average diameter of 1–5 nm [28–
35]. The strengthening mechanism has been described by the Russell–Brown model
[20] based on the interaction between the matrix slip dislocation and the second phase
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Fig. 12 Driving force (in kJ/mole) for M2 C carbide nucleation contour plot varying at%(Mo) and
at%(V) with superimposed M2 C stoichiometric line at 500 ◦ C at alloy compositions at% Fe–0.234C–
1.32Cu–6.2Ni

Fig. 13 Mo–V phase diagram section at 900◦ C with alloy composition in atomic %: Fe–0.234C–
1.32Cu–6.2Ni. This diagram shows the phase fields of the FCC austenite and FCC + V3 C2 revealing
that the M2 C stoichiometric line is well within the solubility limit
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Fig. 14 Change in peak hardness as a function of alloy copper content for BCC copper strengthening
contribution [20]. Experimental results of other copper strengthened steels are shown. The dotted
line represents the best-fit line for one-half power law given by Eq. 5

copper-rich particle of lower shear modulus than the matrix. The shear stress has a
maximum value, τmax , given by Eq. 4.
τmax =

0.041Gbf 1/2
r0

(4)

where, G is the matrix shear modulus, b is the burgers vector, f is the volume fraction
of precipitates and r0 is the core radius of the dislocation. The maximum strength that
can be achieved (which empirically occurs at a particle diameter of 2–3 nm) is thus
proportional to the square root of the volume fraction of the precipitate. Based on
this volume fraction dependence of the precipitate on yield stress, the peak hardening
increment from available data of copper precipitation strengthened steels [20] was
plotted as shown in Fig. 14. The best-fit line described by a one-half power law defined
the hardening increment dependence on the alloy content (at%) of copper.
1/2

τ (VHN) = 83.807XCu

(5)

giving a strengthening coefficient within a factor of ∼1.2 of the Russell–Brown estimate. Based on this relationship, the hardness increment of 151 VHN can be achieved
by addition of 3.25 at% Cu to the alloy composition, provided this level can be made
soluble at the alloy austenizing temperature.
3.2 Transformation toughening design
For design of tough steels for such high strength levels (160 ksi or 1,100 MPa YS)
we need to develop a fully secondary hardened microstructure with high stability
austenite produced by precipitation. At high strength levels we need high stability of
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precipitated austenite since the mechanical driving force for transformation is very
high. This design seeks to improve the toughness of higher strength steels by utilizing
the beneficial properties of Ni-stabilized precipitated austenite. This form of austenite can precipitate during annealing or tempering at elevated temperatures above
about 470◦ C. The fact that this dispersed austenite forms by precipitation is significant
because it allows greater overall control of the amount and stability of the austenite.
Further processing and treatments can be used in the form of multistep tempering
to first nucleate particles in a fine form at a higher tempering temperature and then
complete Ni enrichment during completion of precipitation strengthening (cementite
conversion to M2 C) at a lower final tempering temperature [4,6].
Shear localization by microvoid nucleation is known to be the most dominant
fracture mode in high toughness steels. Studies [36] have shown that fine particle
dispersions with adherent interfaces are most useful for controlling microvoid nucleation. The most promising microstructure modification is achieved by nucleating an
optimal stability austenite dispersion, which increases toughness by suppressing microvoid nucleation to higher strain levels. Thus, emphasis will be put on the design
of intralath dispersions, as the greater stability associated with their finer size makes
them the primary toughening form of austenite precipitates.
The austenite dispersion must have sufficient stability and proper formation kinetics to ensure maximum toughening enhancement. Other factors controlling the stability of austenite are particle size and stress state sensitivity, the latter being related
to the transformational volume change. The Olson–Cohen classical heterogeneous
martensitic nucleation model can be applied to describe dispersed austenite stability
for transformation toughening [4]. Stability of an austenite precipitate is defined by
chemical and mechanical driving force terms. At the Msσ temperature (where transformation occurs at yield stress) for the crack-tip stress state, the total driving force
equals the critical driving force for martensite nucleation, as represented by Eq. 6.



2γ
dGσ 
Gch + σy
=
−
+
W
+
G
(6)
0
f
dσ cracktip
nd
Rearranging the terms and substituting a dependence of defect potency on particle
volume Vp [37], we can define a convenient stability parameter:



dGσ 
K
ch
= − σy
+ G0
G + Wf +
(7)
ln(Vp )
dσ cracktip
Gch is the transformation chemical free energy change and Wf is the athermal frictional work term Gch is temperature and composition dependent while Wf is only
composition dependent. Wf will vary with tempering temperature due to the change
in austenite composition. σy is the yield stress of the material, Gσ is set by the stress
state and G0 is a fixed stored energy term. K is a proportionality constant, γ is the
nucleus specific interfacial energy and d is the crystal interplanar spacing.
The austenite stability for a given set of conditions or service temperature for a
given dispersion can be assessed by the parameter given by the left-hand side of Eq. 7.
If we assume an austenite particle size equivalent to that achieved in previous studies
of AF1410 and AerMet100 steels, our austenite stability parameter becomes the sum
of the chemical driving force for transformation of FCC austenite to BCC martensite
at room temperature (300 K) and the frictional work term for martensitic interfacial
motion: Gch + Wf . ThermoCalc™ can be used with an appropriate thermochemical
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Fig. 15 Optimal room temperature (300 K) austenite stability plotted as a function of Vickers Hardness Number (VHN). The shaded region shows our range of interest for austenite stability corresponding to a yield strength requirement of 150–180 ksi (1030–1240 MPa) after extrapolation of data
from previous alloys, AF1410 and AerMet100
Table 1 Target chemical driving force (Gch ) + frictional work (Wf ) value
Alloy

Rockwell C Hardness Rc

Vickers Hardness VHN (kg/mm2 )

Gch + Wf J/mol

AerMet 100
AF1410
Design

54
48
40

577
484
389

4350
3600
2837

database [38] to predict the temperature and compositional dependence of the chemical energy term. Ghosh and Olson [38,39] have modeled the composition dependence
of the frictional work term as a power law with an exponent of 0.5 and a fit to experimental data. Appropriate superposition laws considering relative strengths of the
solutes were applied for complex systems. The model is represented in Eq. 8.

 
 

1/2
1/2
1/2
1/2
j
i
Wf =
K Xi
+
K Xj
+
Kk Xk
+ KCo XCo
(8)
i

j

k

where the K’s represent the coefficients used to fit the solid solution strengthening
data and i = C, N; j = Cr, Mn, Mo, Nb, Si, Ti, V; and k = Al, Cu, Ni, W. Equation 7
further indicates that the stability parameter is a linear function of the yield strength
of the material.
Thorough studies of transformation toughening [10,11] have demonstrated that
maximum toughening occurs at the MSσ temperature for the crack-tip stress state, thus
quantifying an optimal austenite stability. The strength dependence of this optimal
stability level at fixed VP was determined from previous dispersed-phase transformation toughening optimization experiments on the AF1410 and AerMet100 steels [40].
Figure 15 gives a plot of the measured optimal stability, Gch + Wf , at room temperature against Vickers hardness of the alloy. The required room temperature stability of
the austenite dispersion projected from the hardness (or strength) requirement of the
design is marked by the shaded region in the figure and quantitatively expressed in
Table 1. To achieve a goal of 160 ksi (1,100 MPa) yield strength equivalent to Vickers
hardness of 389 (Rc40 equivalent), the estimated value of Gch + Wf for the required
stability is determined to be 2,837 J/mole.
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Fig. 16 Fraction of Ni in austenite and phase fraction of austenite in alloy versus mole fraction of Ni
at 500◦ C with alloy composition in weight%: Fe–0.05C–3.65Cu–1.85Cr–0.6Mo–0.1V

The design of transformation-toughened austenite has been calibrated against this
stability parameter to determine the optimal level of austenite-stabilizing nickel in the
alloy. Plots of both the phase fraction of austenite and nickel content in the austenite
phase versus alloy atomic fraction Ni were computed. Figure 16 was calculated at
an estimated final tempering temperature of 500◦ C for substitutional diffusion and
revealed that a minimum of 3.5 at% Ni is required to get austenite and a maximum
content of nickel in the austenite of about 0.30 could be obtained. It also showed
that at the 6.25 at% Ni composition from initial feasibility studies, about a 0.10 phase
fraction of austenite would be formed as shown by the arrows. This compares well
to the phase fraction of austenite employed in previous transformation toughened
steels. We thus set the alloy Ni level to 6.25 at%, which also saturates the austenite Ni
content to 30 at%.
After conducting the feasibility study mentioned earlier and verifying that the
corresponding austenite stability was within the design limits given in Fig. 15, a thermodynamically viable alloy composition was found using 6.25 at% Ni. This Ni level
was deemed acceptable as it fell well within the nickel content guidelines, while being
low enough to limit the material cost.
3.3 Composition integration
The overall composition was next optimized so that all of the phases necessary for
strengthening and toughening are simultaneously present. The full sequence of iterative calculations followed the flow chart of Fig. 5. Since the maximum M2 C driving
force at fixed total solute is obtained with no chromium, equilibrium phase calculations were done for the initial feasible composition. For this initial composition, it
was found that the copper added for precipitation strengthening went instead into
the austenite phase. It was found that Cr partitions Cu out of austenite and into the
BCC precipitate phase effectively at 2 at% and above, and the Cr content was thus
set to this minimum value. The iterative calculation sequence of Fig. 5 then yielded a
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Fig. 17 Equilibrium mole fraction of phases in the alloy as a function of temperature, showing that
the alloy is solution treatable at 900 ◦ C

self-consistent alloy composition meeting all phase relation requirements. The composition was then further evaluated from the viewpoint of processability requirements.

4 Processing considerations
4.1 Solution treatment temperature and allotropic transformations
A solution treatment temperature of 900◦ C was chosen based on previous optimization studies [22,41] on grain size dependence of hardness and toughness based on 1-h
solution treated samples in secondary hardened steels. With the increased levels of
Cu and Cr it was confirmed that the alloy was solution treatable at 900◦ C as shown
by the ThermoCalc™ phase fraction plot in Fig. 17.
For this alloy composition, our martensite and bainite kinetic models predict an MS
temperature of 298◦ C and a bainite start (BS ) temperature of 336◦ C. These should be
sufficiently high to allow formation of bainite/martensite mixtures with air-cooling.
4.2 Scheil simulation for microsegregation behavior
Solidification of alloys generally occurs with segregation, which can have a strong
effect on the alloy’s final properties. Thus, it is important to model segregation to assess
the processability of the designed alloy. This investigation uses thermodynamic modeling to predict microsegregation of the as-cast material. Macrosegregation effects can
also be addressed by modeling liquid buoyancy associated with the microsegregation
amplitude but are not addressed in this assessment.
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Fig. 18 Scheil simulation for evolution of the fraction solid with cooling for designed alloy Fe–0.05C–
6.5Ni–3.65Cu–1.84Cr–0.6Mo–0.1V (wt%) in comparison with equilibrium solidification

Table 2 Amplitude of microsegregation with respect to each alloying element predicted by Scheil
simulation at 95% solidification
Alloying elements

Ni

Cu

Cr

Mo

V

Nominal alloy composition—Calloy (at%)
Microsegregation amplitude C0.95 − C0 (at%)

6.38
1.29

3.31
1.67

2.04
0.72

0.36
0.34

0.11
0.05

Scheil simulation is a fast method of estimating microsegregation [42]. The main
approximations are infinite diffusion in the liquid but no diffusion in the solid phase.
This has been coupled to the multicomponent SGTE thermodynamic database using
ThermoCalc™ from which the solid/liquid equilibrium was calculated repeatedly during the simulation. Figure 18 presents the solidification simulation result as temperature versus fraction solid using the non-equilibrium Scheil simulation and compares it
with the full equilibrium case. Figure 19 presents the composition profiles calculated
by the Scheil simulation showing the degree of microsegregation in the solid after
solidification. Here, the fraction of solid is equivalent to position relative to a dendrite
arm center. Previous comparison with more rigorous calculations incorporating solid
back diffusion indicate that the Scheil result at 95% solid is a reasonable estimate
of the maximum microsegregation amplitude under typical ingot solidification conditions [43]. The results presented in Table 2 predict that Mo has the greatest potential
for segregation. However, since the level of Mo in the alloy is relatively low, no serious Mo microsegregation problems are predicted for the designed composition. While
the variation of Cu is significant, it was assessed to be acceptable for homogenization
treatment at 1,200◦ C.
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Fig. 19 Scheil simulation for composition profile of each alloying element after solidification for
designed alloy Fe–0.05C–6.5Ni–3.65Cu–1.84Cr–0.6Mo–0.1V (wt%). Solid fraction corresponds to
position relative to dendrite arm center

Fig. 20 Room temperature (300 K) stability of austenite as a function of tempering temperature. The
required stability is predicted for 490◦ C

4.3 Selection of tempering temperature
Using multistep tempering to initially nucleate austenite at a high tempering temperature, the austenite stability for this transformation toughened alloy is dependent
on the final tempering temperature. With the alloy composition fixed, the austenite
stability was then calculated as a function of tempering temperature as shown in
Fig. 20. It illustrates that the Gch + Wf value of 2836 J/mole desired for this alloy is
achieved for a tempering temperature of 490◦ C, very close to the originally assumed
temperature of 500◦ C.
Based on the design calculations, we derive a composition for the ultratough, high
strength weldable plate steel (in wt%) with final tempering at 490◦ C: Fe–0.05C–
3.65Cu–6.5Ni–1.84Cr–0.6Mo–0.1V.
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The composition should be solution treatable at 900◦ C, with predicted MS and BS
transformation temperatures of 298◦ C and 336◦ C, respectively. Based on previous
transformation toughened steels, it is planned that initial tempering at a slightly elevated temperature will be employed to nucleate the austenite before tempering at
490◦ C to enrich the Ni content to the designed level. In our judgment, the highest risk
assumption of this design is that fine austenite can be heterogeneously nucleated on
Cu particles as effectively as it has been observed to nucleate on M2 C carbides [40].
The observed effectiveness of Cu as a nucleant in numerous alloy systems [44,45]
supports this assumption.

5 Summary and conclusions
A systematic strategy in computer-aided design of materials has been successfully
applied to demonstrate feasibility of an ultratough high-strength weldable plate
steel for naval hull applications. The approach integrated processing/structure/property/performance relations with mechanistic models to achieve the desired quantitative property objectives. Quantitative models were used to design the toughening and
strengthening dispersions, which were the two major property requirements to be met
under stringent processability constraints.
The overall strategy behind the thermodynamic modeling has been to map the
mechanical properties objectives to structure and then to thermodynamic parameters to set goals for the design of the microstructural subsystems. The Olson–Cohen
model for heterogeneous martensitic nucleation aided the determination of a thermodynamic stability parameter for the austenite. The optimal stability of the transformation-toughened austenite was calibrated against the parameter (Gch +Wf ) combining
thermodynamic driving force and interfacial friction to obtain the required toughness,
which was the top priority of this design. Then, based on the strength requirement
projected to hardness values, the design space was identified. The alloy composition
and the processing conditions were subsequently determined by conforming to these
parametric design requirements.
The explored design concept is based on the mechanism of dispersed austenite stabilization for transformation toughening adapted to weldable high strength
steels. The concept employs mixed bainitic/martensitic microstructures produced by
air-cooling of solution-treated plate, combined with copper and alloy carbide precipitation strengthening during secondary tempering, constrained by a low carbon
content for weldability. A fine particle dispersion of optimal ∼3–5 nm size for effective strengthening was designed by precipitation of M2 C carbides and BCC copper
from a highly supersaturated BCC solution. The carbon content of the alloy was set at
0.05 wt% to meet weldability constraints. Based on the carbon level set, a quantitative
carbide-strengthening model was used to determine the strength contribution from
M2 C carbides, with the driving force for M2 C precipitation maximized at ∼14 kJ/mole
(while initially maintaining a stoichiometric balance between carbon and the carbide
formers Mo, Cr, V) to obtain a fine 3–4 nm precipitate particle size. The additional
strengthening required to meet the yield strength goal of 160 ksi (1,100 MPa) was
achieved by setting an optimal level of copper at 3.65 wt% based on a quantitative
copper-strengthening model. This relatively high Cu level was necessary to allow the
low carbon limit. A high Ni/Cu ratio (1.8) was also maintained in the multicomponent
alloy design to prevent hot shortness problems during processing.
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Transformation toughening arises from dispersed austenite precipitates, which
undergo a martensitic transformation at the crack-tip stress state. This leads to inhibition of crack growth by delay of microvoid shear localization during ductile fracture.
Thus to achieve high toughening by this mechanism, required stability of the austenite was designed by optimizing Ni as an FCC stabilizer. Thermodynamic calculations
predicted an alloy Ni content of 6.5 wt% to enable the equilibrium nickel content of
30% in the austenite to meet the requirement for transformation toughening.
The design also revealed that although Cr did not have a strong effect on the driving
force for carbide precipitation, it helped in partitioning Cu out of the austenite phase
for effective copper precipitation strengthening; the alloy Cr level was set at 1.8 wt%.
The processability conditions were then evaluated under stringent restrictions for the
designed alloy (Fe–0.05C–3.65Cu–6.5Ni–1.84Cr–0.6Mo–0.1V; wt%) based on solution
treatment condition, microsegregation behavior and tempering condition. A design
solution treatment condition of 900◦ C for 1 h was found sufficient to dissolve M2 C carbides without excessive austenite grain growth. No serious microsegregation problems
were predicted for the designed composition based on results from Scheil simulation.
A final tempering temperature of 490◦ C (after a higher temperature austenite nucleation step) was predicted to achieve sufficient austenite stability for transformation
toughening. Thus, thermodynamic calculations demonstrated feasibility of combining
copper and M2 C carbide precipitation for strengthening in combination with nickelstabilized austenite for transformation toughening in a relatively low cost weldable
plate steel.
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